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Abstract We have conducted high P–T synchrotron

X-ray and time-of-flight neutron diffraction experiments as

well as indentation measurements to study equation of

state, constitutive properties, and hardness of nanocrystal-

line and bulk nickel. Our lattice volume–pressure data

present a clear evidence of elastic softening in nanocrys-

talline Ni as compared with the bulk nickel. We show that

the enhanced overall compressibility of nanocrystalline Ni

is a consequence of the higher compressibility of the sur-

face shell of Ni nanocrystals, which supports the results of

molecular dynamics simulation and a generalized model of

a nanocrystal with expanded surface layer. The analytical

methods we developed based on the peak-profile of dif-

fraction data allow us to identify ‘‘micro/local’’ yield due to

high stress concentration at the grain-to-grain contacts and

‘‘macro/bulk’’ yield due to deviatoric stress over the entire

sample. The graphic approach of our strain/stress analyses

can also reveal the corresponding yield strength, grain

crushing/growth, work hardening/softening, and thermal

relaxation under high P–T conditions, as well as the

intrinsic residual/surface strains in the polycrystalline

bulks. From micro-indentation measurements, we found

that a low-temperature annealing (T \ 0.4 Tm) hardens

nanocrystalline Ni, leading to an inverse Hall–Petch rela-

tionship. We explain this abnormal Hall–Petch effect in

terms of impurity segregation to the grain boundaries of the

nanocrystalline Ni.

Keywords Nano-mechanics � Polycrystalline nickel �
High pressure and high temperature

Introduction

Nanocrystalline materials hold the promise of revolutionizing

traditional materials design in many applications via atomic-

level structural control to tailor technological properties. As

opposed to the micron-scale, the nanoscale is not just another

step towards miniaturization, but is a qualitatively new scale

because this size constraint often produces qualitatively new

behavior. It starts to become clear that when the crystal size

and/or domain size become comparable with a specific

physical length scale such as the mean free path, the dislo-

cation dimension, the domain size in ferromagnets or

ferroelectics, the coherence length of phonons, or the cor-

relation length of a collective ground state like

superconductivity, the corresponding physical phenomenon

will be strongly affected. Extensive experimental studies

over the past decade have shown that a variety of properties,

such as phase stability [1], melting temperature [2], yield

strength [3, 4], elastic modulus [5–8], and electronic struc-

ture [9], can strongly be altered as crystallite size decreases

from micrometers to nanometers.

Nickel is a 3d transition metal of technological impor-

tance. Nanocrystalline nickel (nano-Ni) has been the

subject of considerable experimental and theoretical work

in recent years. The elastic, mechanical, magnetic, and

electrical properties, as well as diffusion coefficients and

vibrational modes of nano-Ni have been widely studied

[10–15]. In order to understand better the nano-mechanics

of polycrystalline Ni, particularly its behavior under ele-

vated pressure and/or temperature, we have recently

conducted a series of synchrotron X-ray and time-of-flight
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neutron diffraction experiments as well as indentation

measurements to study its equation of state, constitutive

properties, and hardness [4, 16–18]. To accurately char-

acterize the unique properties of nano-Ni, we studied both

nano and bulk Ni using identical techniques, and in some

cases with the two metals investigated simultaneously in a

single high P–T experiment for direct comparison. The

experimental results are summarized in this review article.

Elastic Softening in Nanocrystalline Nickel Metals

Among many properties that have so far been investigated on

nanocrystalline materials, the grain-size effect on the elastic

properties is still a matter of controversy and has not been

well understood. The Young’s modulus values of nano-

crystalline materials obtained in early measurements, for

example, have found to be substantially lower than those of

their bulk counterparts [19]. Even though this softening

phenomenon can partly be attributed to the presence of a

large volume fraction of pores and cracks in the as-prepared

nanocrystalline materials, later measurements on porosity-

free nanocrystalline samples as well as theoretical calcula-

tions [20–22] still revealed an elastic softening in materials

with grain size smaller than 20 nm. Contrary to these find-

ings, a number of recent compression studies using X-ray

diffraction reported higher bulk modulus for nanocrystalline

materials than for the regular polycrystals [5–8]. Further-

more, in some materials such as Fe, Ni, MgO, and CuO, the

compressibility was found to be independent of the crystal-

lite size [10, 11, 23, 24]. While there may not exist a universal

law for the grain-size effect on the materials’ elastic prop-

erties, it is possible that conclusions from at least some of

these studies are inconclusive or perhaps misleading. The

reasons can be two folds. On one hand, many of these

experimental studies were focused on nanocrystalline

materials only, and, therefore, the comparison with early

published data for conventional materials would be vulner-

able to the systematic errors of the experiments using

different techniques. On the other hand, this effect may be

too subtle to be resolved with the experimental methods

applied. We recently studied compressibility of nano- and

micro-crystalline nickel in a single high-pressure experiment

using synchrotron X-ray diffraction [16]. This comparative

approach would eliminate systematic errors arising from

instrument response and pressure/deviatoric-stress determi-

nation and thus allows detection of small difference in

compressibility measurements [25, 26].

The microcrystalline nickel powders were commercially

obtained which are 99.8% pure and have a grain size dis-

tribution of 3–7 lm. The nanocrystalline powders used in

this study were prepared by ball milling, starting from

coarse-grained powders of Ni (\840 lm, 99.999%)

supplied by Alfa Aesar (Ward Hill, Massachusetts). Five

grams of powder were ball-milled for 30 h using a SPEX

8000 mill, hardened-steel vials, and 30 1-g hardened steel

balls. The SEPX mill was operated inside an argon-filled

glove box containing less than 1 ppm oxygen. Measure-

ment of the Curie transition temperature by a Differential

Scanning Calorimetry technique [17] suggests that the as-

prepared nanocrystalline Ni contain approximately 1 at%

Fe impurity. Based on the peak width analysis of X-ray

diffraction at ambient conditions (see later discussion), the

nanocrystalline powders have an average grain size of

12–13 nm. For both starting Ni powders, neutron diffraction

at the Bragg angles of 40�, 90�, and 150� reveals no pre-

ferred orientation texture. The high-pressure X-ray

diffraction experiment was performed using a cubic anvil

apparatus [27] at beamline X17B2 of the National Syn-

chrotron Light Source, Brookhaven National Laboratory.

An energy-dispersive X-ray method was employed and the

cell assembly used is similar to those described in the ref-

erence [26]. The two Ni samples were placed in a boron

nitride sleeve, separated by a layer of NaCl, which also

serves as internal pressure standard. The pressure was

determined using the Decker equation of state [28] for NaCl.

The X-ray diffraction patterns at ambient pressure and

7.4 GPa (the highest pressure of the experiment) are shown

in Fig. 1. Due to the surface-strain effect introduced in the

process of grain-size reduction, the lattice parameters of

the nanocrystalline Ni are slightly larger than those of

microcrystalline Ni. In addition, the minor contamination

of Fe in the nanocrystalline powders would also shift the

diffraction peaks to the larger d-spacing [29]. Figure 1 also

reveals that the diffraction peaks of nanocrystalline Ni are

significantly more broaden than those of microcrystalline

Ni. This is in part a result of grain-size reduction and partly

caused by the enhanced density of defects (mainly dislo-

cations produced during the heavy deformation process by

ball milling) that introduce a large residual (microscopic)

lattice strain.

The peak positions were determined by Gaussian peak

fitting of the diffracted intensity, and the unit-cell volumes

(V) were calculated by least squares fitting based on a cubic

unit cell, using diffraction lines of 111, 200, 220, 311, and

222 for both nano- and micro-crystalline Ni. The relative

standard deviations in the determination of lattice volumes

are 0.05–0.1% for nano-crystalline Ni and 0.02–0.03% for

micro-crystalline Ni. The resultant room-temperature

compression data are plotted in Fig. 2, in the form of V/V0,

for a direct comparison. An inspection of Fig. 2 reveals

that nanocrystalline Ni is noticeably more compressible

than microcrystalline Ni. To obtain a quantitative com-

parison of the bulk modulus, the data of Fig. 2 are analyzed

using a Eulerian finite-strain equation of state [30]. In this

EOS, the pressure P is given to third order in strain f by:
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P ¼ 3f 1þ 2fð Þ5=2 � K0 1� 2nf þ . . .½ � ð1Þ

with n = 3/4(4 – K0
0) and f = 1/2[(V/V0)–2/3 – 1], where K0

and K0
0 are isothermal bulk modulus and its pressure

derivative at ambient temperature, respectively. Because of

the limited pressure range of the present study that inhibits

an accurate constraint on K0
0, a second-order equation of

state is employed, with n = 0 in Eq. 1. The least-squares

fits for the bulk modulus yield K0 = 161 ± 3 GPa for

nanocrystalline Ni and K0 = 177 ± 2 GPa for microcrys-

talline Ni. Errors for K0 are those of the least squares

fitting; uncertainties in the measurements of pressure and

unit-cell volumes were not included for error estimations.

Our comparative study suggests that nanocrystalline Ni is

approximately 10% more compressible than microcrystal-

line Ni. In addition, the bulk modulus determined for the

bulk Ni is in agreement with the earlier published values

(Ref. [10] and references therein).

The compressibility of nanocrystalline Ni has recently

been studied by X-ray diffraction in diamond anvil cells.

Chen et al. [10] measured the variation of lattice volume

with pressure up to 55 GPa and found that the bulk mod-

ulus of nanocrystalline Ni (K0 = 185.4 ± 10 GPa) is

similar to the value (K0 = 180 GPa) previously reported for

the bulk Ni. In another study of Rekhi et al. [11], the

experimentally determined bulk modulus for nanocrystal-

line Ni (K0 = 228 ± 15 GPa) was found to be comparable

to that obtained from ab initio calculations of their own for

the bulk Ni (K0 = 217 GPa). Based on these results and in

contrast to the findings of the present work, both studies

concluded that there is no crystallite-size effect on the

compressibility of Ni. This conclusion, however, should be

viewed with some caution because systematic errors typi-

cally exist among measurements with different techniques

(including theoretical calculations). The comparative

approach of this work can practically eliminate pressure

and deviatoric stress as variables and is particularly suit-

able for detection of subtle difference in compressibility

measurements.

The enhanced compressibility in nanocrystalline Ni is

consistent with the common view of a reduced atomic

density and hence a general expectation of an increasing

compressibility of interatomic spacings in the surface layer

of nanocrystalline materials [19, 31]. However, there is

essentially no information available on the specific

arrangement of atoms at the surface of nanocrystals, and so

far there exist no experimental methods that can directly

distinguish the compressional behavior between the surface

region and the crystalline cores. Nevertheless, based on a

high-pressure Mössbauer spectroscopy study [31], a tech-

nique that can discriminate between the spectral

components of the intercrystalline region and the crystal-

line core, Trapp et al. had deduced that the surface layer of
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Fig. 1 X-ray diffraction patterns of nanocrystalline (upper panel) and

microcrystalline Ni (lower panel) at 298 K and selected pressures.

The minor peaks around d-spacing values of 1.3 and 1.5 Å are lead

(Pb) fluorescence lines
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Fig. 2 Variation of the normalized unit-cell volume, V/V0, as a

function of pressure. The solid curves represent the results of least-

squares fit using a second-order Eulerian finite-strain equation of state

[30]. The error bars for microcrystalline Ni is smaller than the size of

symbols and is hence invisible
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nanocrystallie Fe has an enhanced compressibility when

compared to the bulk crystalline a-Fe.

Recently, in a series of publications, Palosz and

coworkers [32–34] showed that it is practically impossible

to derive a single set of lattice parameters and hence a

unique value of the overall bulk modulus from the posi-

tions of the Bragg reflections for nanocrystals. They

proposed a methodology of the analysis of powder dif-

fraction data for nanocrystals based on calculations of the

lattice parameter values from individual Bragg reflections.

Such quantities, which are associated with the specific

values of the diffraction vectors Q (Q = 2p/d, where d is

the d-spacing in the unit of Å) of the corresponding

reflections, are termed as ‘‘apparent lattice parameters’’,

alp. Based on theoretical calculations of powder diffraction

data for nanocrystals with strained surface shell as well as

experimental data of nanocrystalline SiC, the alp values are

found to exhibit a complex dependence on Q with some

characteristic minima and maxima. Careful analysis of

these features may shed light on the atomic structure and

behavior of nanocrystals, particularly those of the surface

shell. According to Palosz’s analysis, the reflections

observed at very large Q could be used to probe the

properties of the grain core (such as the real lattice

parameter(s) of nanocrystals), whereas the reflections

observed at small Q values are sensitive to the structure of

the surface of the grains.

Based on the concept of alp, the unit-cell volumes of

nano- and micro-crystalline Ni are calculated as (alp)3

separately for different reflections, which are then fitted to

Eq. 1. The resultant bulk moduli at the corresponding Q

values are plotted in Fig. 3. For microcrystalline Ni, the

bulk moduli of different reflections are identical within the

mutual experimental uncertainty, thus showing no depen-

dence on the Q values. For nanocrystalline Ni, however,

the bulk moduli at Q = 3.1–3.5 Å–1 are noticeably lower

(*10%) than those at Q = 5.0–5.9 Å–1. Since the experi-

mentally accessible Q-range is rather limited with powder

X-ray diffraction, the observed range of Q & 3–6 Å–1 for

Ni is too narrow to accurately determine the lattice

parameters and hence compressibility of the grain core. A

linear extrapolation of the data for nanocrystalline Ni, for

example, suggests that a minimum value of Q [ 8 Å–1 or

an equivalent of crystallographic planes with d \ 0.78 Å is

needed to probe the grain interior of Ni nanocrystals, which

should have the bulk modulus approaching that of the bulk

Ni. However, with a generalized model of a nanocrystal

with strained (expanded) surface layer [32–34] (see insert

of Fig. 3), our observations indicate that the surface shell is

17–18% more compressible than the interior of the grain.

One could also infer that the surface shell has a somewhat

expanded structure with longer interatomic distances

compared to the grain interior of Ni nanocrystals.

The grain-size dependence of the bulk modulus of

nanocrystalline Ni has recently been investigated using

molecular dynamics simulation [35]. Similar to the present

findings, the calculated P–V data for Ni nanocrystals

revealed a decrease of the ‘‘overall’’ bulk modulus up to

7% when compared with that of the single crystal Ni. Using

a simple mixture model where the bulk modulus of nano-

crystals is the sum of the elastic responses from two

structurally different components, the bulk modulus of the

surface layer at 286 K is found to be 9.2% smaller than that

of the crystalline grains, which is in qualitative agreement

with the present finding. Therefore, both experiment and

theoretical calculation show that the enhanced ‘‘overall’’

compressibility of nanocrystalline Ni is a consequence of

the higher compressibility of the surface shell. Our study

demonstrates that careful compressional experiments with

powder diffraction can be a useful means for probing the

structure and behavior of the surface layer in nanocrystal-

line materials.

High P–T Constitutive Properties of Nano and Bulk Ni

Yield strength (ry) is an important constitutive property of

materials to define the onset of plastic deformation and

viscous flow and is conventionally determined from the
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Fig. 3 The bulk moduli of nano- and micro-crystalline at the

corresponding diffraction vectors Q (Q = 2p/d). The bulk modulus

values plotted here are determined based on the ‘‘apparent lattice
parameters’’ calculated from individual Bragg reflections. The insert

at the lower right is a tentative/generalized model of a Ni nanocrystal

with strained (expanded) surface layer [32–34], where R0 is radius of

the core, S0 the thickness of the surface shell, a0 interatomic distance

in a perfect crystal lattice (in the core) and as interatomic distance at

the grain surface
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stress–strain measurements for engineering materials.

Recent advancements in diffraction techniques with high

intensity synchrotron X-ray and time-of-flight neutron

allow the deformation studies for the bulk samples at

the atomistic level [3, 4, 36–39]. Based on the classic

Williamson-Hall method and its subsequent variations

[40–45], the strain/strength, dislocation density, and crystal

size can be derived from the peak-width analysis of dif-

fraction data. This method will also overcome the sample

porosity or impurity problems commonly faced in the

conventional indentation or deformation experiments.

Generally speaking, the polycrystalline diffraction profile is

a convolution function of instrument response, grain size

distribution, and crystal lattice deformations along the dif-

fraction vector. During high-pressure compression

experiment, the breaths of diffraction peaks broaden, and

the amount of peak broadening indicates the distribution of

differential strains along the diffraction vector [42], which

is typically owing to different crystalline orientations rela-

tive to the loading direction and particularly to the stress

concentration at grain-to-grain contacts during the powder

compaction. The diffraction peak widths reach the maxi-

mum as the deviatoric stress approaches the ultimate yield

strength and the sample material begins to flow plastically.

By applying a stress field on crystalline sample and moni-

toring the peak width variation of different hkl diffractions

as a function of pressure, one can derive the differential

strain, thus the constitutive properties of the sample mate-

rials. In high-temperature annealing experiments without

applied external stress, diffraction peak width sharpens with

increasing temperature, reflecting the relaxation of residual

strain and, in the case of nanocrystalline materials, dem-

onstrating both the surface strain release and grain growth.

We conducted three high-pressure synchrotron X-ray

diffraction experiments and two high-temperature neutron

diffraction measurements on nano and bulk Ni. The Ni

samples as well as the experimental methods for the X-ray

diffraction experiments are the same as those described in

the preceding section. Again, in all three high P–T X-ray

diffraction experiments, the two Ni samples were studied

simultaneously to allow direct and accurate comparison of

materials properties between the sample pair. The time-of-

flight (TOF) neutron diffraction studies at atmospheric

pressure were carried out at the High-Pressure Preferred

Orientation (HIPPO) beamline [46] of the Manuel Lujan,

Jr. Neutron Scattering Center, Los Alamos National Lab-

oratory. For neutron diffraction, the Ni powders were

loaded into ¼-inch diameter vanadium cans, which were

heated in-situ and under the vacuum. The data were col-

lected on stepwise increases in temperatures in the range of

318–1,073 K. The acquisition time for each diffraction

pattern was 2 h. Plotted in Figs. 4 and 5 are typical dif-

fraction patters to show peak width changes under selected

pressure and temperature conditions.

Following our previous work [4, 18], we express the

FWHM of diffraction peaks in a length scale of angstrom

(Å), Dd(FWHM), which can be used to quantify differential

strain (e) introduced by stress heterogeneity, lattice defor-

mation, and dislocation density at high P–T. They can also

be used to quantify the contributions of instrument response

and grain sizes of polycrystalline materials, in the form of

Dd2
obs:

�
d2 ¼ e2 þ Dd2

ins:

�
d2

� �
þ j=Lð Þ2 � d2 P; Tð Þ ð2Þ

Here, Ddobs and Ddins are the observed peak width and

the peak width at a stress-free state, respectively, d is the
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diffraction patterns of nano

(left panel) and micron Ni

(right panel) at 298 K and

selected pressure conditions,

obtained from a single high-

pressure experiment. The

patterns plotted are from the
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d-spacing of a given lattice plane, L the material’s grain size,

and j the Scherer constant. Note that the Eq. 2 is essentially

equivalent to the classic Williamson-Hall method and its

subsequent variations [40–45]. With the FWHM expressed

in the length unit of Å, however, Eq. 2 can be applied to any

diffraction data, independent of detecting modes (energy

dispersive, angular dispersive, and time-of-flight). The Eq. 2

is a typical Y = a + b�X plot. Therefore, one can derive the

apparent strain e2
apparent ¼ e2 þ Dd2

ins:

�
d2

� �
as well as aver-

age grain size L from the ordinate intercept and slope of the

Dd2
obs:=d2 versus d2 (P) plot, respectively. Examples of such

derivation from diffraction data are illustrated in Fig. 6.

Noticeably, the observed raw data (open black circles in

Fig. 6) scatter significantly and these scatterings are aug-

mented as pressure increases. Such large data scatter is not

observed in our micron-Ni sample or other micron-scale

based experiments on ceramics and minerals. As a result of

scattering, one cannot draw a simple straight line through

the data to derive strain and grain size from the plot. In our

previous studies [4, 18], we presented a correction method

based on the Young’s modulus for different lattice planes

Ehkl ¼ 1

�
S1 þ

1

2
S2

� �
ð3Þ

where S1 and S2 are the elastic compliance data. For nano-

Ni, we proposed the following normalization routings

based on the square of the diffraction elasticity ratio

(DER2) and choose the least (hkl = 111) and/or most

(hkl = 200) compliant planes as our references:

DER2 ¼ Ehkl=E111ð Þ2 ð4Þ

and/or

DER2 ¼ Ehkl=E200ð Þ2 ð5Þ

By multiplying the DER2 to the observed raw data, we

can correct the strain differences of individual lattice

planes. As shown in Fig. 6, the corrected data (solid blue

and dark cyan circles) can be readily fit to a straight line in

the Dd2
obs:=d2 versus d2 (P, T) plot and allow us to derive

the apparent strain and grain size information

unambiguously. From the (Ehkl/E111)2 and (Ehkl/E200)2

corrections, we effectively obtain the lower and upper

bounds, respectively, for the apparent strains.

Loading–Unloading Loop and Energy Dissipations

In two of the synchrotron X-ray diffraction experiments we

performed, the nano and bulk Ni samples were simulta-

neously studied at room temperature during both loading

and unloading cycles. At the maximum pressures of two

separate experiments (1.4 and 6.0 GPa, respectively), our

results show that the absolute values of the applied strain

determined using Eq. 2 for the nano-Ni are 3–4 times

higher than those for the micron-Ni. To facilitate com-

parisons, we normalize the observed strain relative to the

maximum strain at the highest pressure and the results are

plotted in Fig. 7. Inspection of Fig. 7 reveals two obvious

yield (kink bending) points for micron-Ni at Py1 = 0.4 GPa

and Py2 = 1.6 GPa and the corresponding normalized

strains at enorm. = 0.7 and enorm. = 1.0, respectively. The

first one represents ‘‘micro/local’’ yield due to high stress

concentration at the grain-to-grain contacts during the

powder compactions. The second yield represents ‘‘macro/

bulk’’ plastic deformation of entire sample, which is the

true meaning of ‘‘yield’’ in classic mechanics.

The two-stage yielding phenomenon, however, is not as

obvious in the nano-Ni, as it exhibits pronounced non-

linear ductility. The ‘‘local’’ plastic deformation is expec-

ted to take place at pressures much lower than 0.4 GPa,

which is difficult to determine with our experimental

techniques. On the other hand, the work-hardening to

higher strain is clearly observed for the nano-Ni. The nano-

Ni also recovers a much larger fraction of the incurred

strain upon unloading, 83–84%, depending on maximum

pressure, whereas the micron-Ni only recovers 49–52%,

respectively. The un-recoverable strain can be caused by

intergranular (e.g. elastic and plastic anisotropy) and/or

intragranular (e.g. heterogeneous stress distribution and

Fig. 5 The time-of-flight neutron diffraction patterns for nano Ni at

atmospheric pressure and selected temperatures. The peak intensities

of the hkl diffractions are normalized relative to that of (111) at

T = 1073 K for width comparison purpose. The insert shows the

blow-up as well as comparison of the (111) peak between

T = 318 K and T = 1073 K, with vertical axis being the measured

intensities
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dislocation density) mechanisms. Previous studies [12]

have shown that nano-Ni show full recovery of dislocation

density when loaded in uniaxial tension. Interestingly, we

observe that the recoverability for the nickel samples

remain about the same level for the unloading before and/

or after the bulk yielding. This, and the combination of

almost full recovery for nano-Ni and less recovery for the

micron-Ni in our triaxial-stress experiments, suggests that

the unrecoverable part of the plastic strain in the nano-Ni is

due to intergranular strains (elastic and plastic anisotropy)

whereas it is mainly intragranular strain (dislocation den-

sity), in the micron-Ni.

The loading–unloading hysteresis loop illustrated in

Fig. 7 is more significant for the after-yield samples (right

panel) than the before-yield samples (left panel), despite

the comparable recoverability for both samples. The

similar strain recoverability before- and after-yields indi-

cates that the dislocation densities in nickel samples

become saturated in the elastic loading stage and there is

no further development in the plastic/ductile flow stage.

The much large hysteresis loop for the micron-Ni after

the yield suggests that the high-P works upon the micron-

Ni are dissipated as heat, as we often experienced in the

fatigue failure of nail bending. The dissipation loop is

much smaller for the nano-Ni sample, indicating signifi-

cantly reduced energy loss in its work-hardening plasticity

deformation stage. The reduced level of energy dissipa-

tion for the nano-Ni during the loading-unloading cycle

indicates that the nanostructured materials may be able to

more readily endure greater mechanical fatigue in cyclic

load path changes, a significant discovery of nano-

mechanics.

The variations of grain size with pressure on com-

pression and decompression at room temperature are

illustrated in Fig. 8 for nano-Ni. During compression

(upper panel of Fig. 8), three independent experiments

reveal a grain size reduction or crushing before the bulk

yielding pressure (i.e., in the elastic stage of deformation

Fig. 6 The plot of Dd2
obs:=d2

versus d2 (P, T) for X-ray

diffraction data on nano-Ni. In

all panels, the highly scattered

raw data are shown as the open

black circles. The data corrected

by DER2 = (Ehkl/E200)2 and by

DER2 = (Ehkl/E111)2 are shown,

respectively, as solid blue and

dark cyan symbols. The solid

straight lines show the linear

regression results of the DER2

corrected data, with the ordinate

intercept providing apparent

strains and the plot slopes

providing gain size information.

The strains (e) and grain sizes

(L) given in all panels are the

values averaged from the

(Ehkl/E200)2 and the (Ehkl/E111)2

corrections. The red arrows

indicate the experimental path.

The strain (normalized) and

grain size data derived for all

experimental pressures are

shown in Figs. 7 and 8,

respectively
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below *1.8 GPa). This can be explained by the fact that

high-pressure would usually suppress diffusion and

enhance viscosity, as also observed in hard and brittle

ceramic materials [3, 39]. After nano-Ni is plastically

bulk-yielded, a quite intriguing grain growth of Ni nano-

crystals at room temperature is observed, by as much as

*60% at P = 7.4 GPa. For the ductile nano-Ni metal, the

observed grain growth in the plastic-yielding/viscous-

flowing stage under compression is due to ‘‘cold-weld-

ing’’. The atomic diffusion and lattice rotation among the

crystals driven by severe deviatoric stress would consume

the ‘‘un-preferred’’ nano-grains and result in effective

grain growth. Our observation agrees with Shan et al’s

study [13] that grain growth occurs in nano-Ni upon

straining, because of nanograins’ rotation during plastic

deformation. Upon decompression, the variation of grain

size of the samples (lower panel of Fig. 8) shows a similar

but reversible trend as observed during compression, with

the grain size reverting back to the starting values on fully

releasing the pressure. The origin of such a reversible

variation in grain size is not clearly understood but may

be related to the different stress states samples experi-

enced during decompression.

Graphic Derivation of Thermo-Mechanics

We carried out one comparative experiment using syn-

chrotron X-rays on micron and nano Ni at simultaneously

Fig. 8 The variations of grain size with pressure on compression

(upper panel) and decompression (lower panel) at room temperature

for nano-Ni. The blue triangles indicate the data derived from the

experiment before the bulk yielding (up to 1.35 GPa) and the red

triangles from the experiment after the bulk yielding (up to

6.05 GPa). The cyan triangles show the room-temperature data

obtained from the high P–T experiment up to 7.4 GPa and 1,400 K,

and therefore no grain size data can be derived from the room-

temperature decompression

Fig. 7 The normalized applied strain �eap:
hkl ¼ Dd=dð Þhkl

�

Dd=dð Þmax :P
hkl plotted as a function of pressure for nano-Ni (red lines)

and micron-Ni (blue lines) during loading (solid lines) and unloading

(dash lines). The left panel is for the low-pressure experiment up to

1.4 GPa (before the ‘‘macro/bulk’’ yield) and the right panel for the

experiment at higher maximum pressure (after the ‘‘macro/bulk’’

yield). For both panels, the plotted lines represent the averaged strains
�e derived from four different lattice planes (111, 200, 220, and 311).

The average strains at the highest pressures, Pmax, are listed in the

inserted boxes. The plots illustrate two important mechanical

performances: the strain recoverability Rec. = �eðmax :PÞ � �eðendÞ½ �=
:�eðmax :PÞ and the loading–unloading hysterisis loops, which are

correlated to the high-pressure works driving energy dissipation and

can reveal the degree of mechanical fatigue. The plots show clear

differences between nano-Ni and micron-Ni in both mechanical

qualities
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high P–T conditions, up to 7.4 GPa and 1,400 K. Apparent

strains have been derived using Eq. 2 and are then con-

verted to stresses via the relationship: r = E�e. Due to an

observed 10% reduction in the elastic modulus derivation

from our recent EOS study of nano-Ni [16] (see also

Fig. 2), we used the Young’s modulus of E = 180 GPa for

the nano-data and E = 200 GPa for the micron-data. The

pressure and temperature derivatives on the elastic modu-

lus are still ignored; however, it should not affect the

observation for the overall trend. The apparent stresses are

plotted as a function of pressure and temperature in Fig. 9

to show thermo-mechanics comparisons between nano-Ni

and micron-Ni. The initial difference between nano-Ni and

micron-Ni is due to residual stress, surface strain, and grain

size effects. As pressure increases, the grain-to-grain con-

tact stresses enhance at a much greater rate in the nano-Ni

during the elastic-plastic transition region, i.e., in the stage

from ‘‘micro/local’’ to ‘‘macro/bulk’’ yielding. As the

entire sample starts to loss its strength to support differ-

ential/shear stress, it is subjected to macro/bulk yield, and

plastic deformation and/or viscous flow begins. Corre-

spondingly, the diffraction peak widths do not vary as

much after the bulk yield, indicating that the dislocation

density in the crystalline sample reaches certain saturation.

The derived yield strength of high-P triaxial compres-

sion is Drnm
yield � 2:35 GPa for the nano-Ni, which is similar

to the uniaxial tensile strength of 2.25 GPa determined by

Budrovic et al. [12]. The corresponding bulk yield strength

(compression) of micron-Ni is Drlm
yield � 0:75 GPa, about a

factor-of-three smaller than the nano-Ni. These observa-

tions are consistent with the classic Hall–Petch law [47,

48], which indicates a significant increase in materials

strength as grain size decreases to the nanometer scale. The

onset-pressure for bulk yielding in micron-Ni at

Plm
yield � 1:6 GPa is also smaller than for the nano-Ni at

Pnm
yield � 2:4 GPa, Fig. 9, Left. In the plastic stage, contin-

uous peak broadening indicates strain hardening, whereas

peak sharpening indicates strain softening under certain

high P–T conditions. There is an evident work-hardening

for the nano-Ni, where the sample can still sustain higher

differential/shear stress after the yielding, and another

Drnm & +1.0 GPa is further loaded as the pressure

increases to P = 7.4 GPa. However, the micron-Ni sample

experiences a minor work softening at the high pressures.

It is well known that nano-metals have much less work

hardening than the corresponding micron-metals in uniax-

ial tensile loading. Budrovic et al. [12] observed very

limited strain-hardening in nano-Ni due to suppressed

accumulation of dislocations after the plastic yielding. Our

triaxial compression data shows opposite phenomenon,

which may be because of pressure effects. It is unlikely

from the artifacts due to plot of eap.-vs.-P (rather than

Fig. 9 Apparent stresses for nano-Ni and micron-Ni plot as functions

of pressure and temperature, which include both microstrain and

instrument-baseline effects. The ‘‘Yielding’’ points are derived by the

intersections of elastic loading and plastic work-hardening/softening

stages. The onset-pressures for the yielding are apparently different

for the two samples. The corresponding high-P yield-strengths are the

stress differences Dr between the yielding and the initial states. The

labels of high-T stress relaxation and grain growth are simply to

distinguish the dominant mechanisms at different temperature stages.

The residual stresses of the samples should be read from the

instrument-baseline to the initial stress states at the ambient

conditions. The purple open-square symbol is to mark the recovered

samples, which come back completely to the initial micron-Ni in

terms of stress/strain and grain sizes. Pressure has a noticeable

decrease of 0.1–0.2 GPa at high temperatures due to the cell assembly

adjustments, however, the derived stress relaxations for the grain-to-

grain contacts are much more significant, about 10-folds bigger for

the micron-Ni and over 50-folds for the nano-Ni. The plot shows a

good comparison of constitutive properties of nano-Ni and micron-Ni

under high P–T conditions
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conventional r-vs.-e), since the work-hardening/softening

is observed in a comparative sense for the nano-/micron-

samples under identical stress conditions.

As temperature increases, the stress variation in nano Ni

exhibits two bending points, one at 600 K and the other

near 1,000 K (Fig. 9, Right), dividing the stress-tempera-

ture variation into three different stages. Based on the grain

size analysis, which will be discussed in the later part of the

paper, the stress reduction at T = 300–600 K largely

reflects the relaxation of both the applied/differential and

surface/residual strains in the Ni nanocrystals, whereas at

T = 600–1,000 K it is dominantly controlled by the grain

growth. Since the stress-free state is reached at about

T [ 1,000 K, the initial surface/residual strains for the

nano-Ni can be graphically determined as illustrated in the

right panel of Fig. 9, which is 1.25 · 10–2 and in excellent

with the surface strain derived from neutron diffraction

data at atmospheric pressure (see later discussion). It

indicates the total removal of surface strain and annealing

of apparent stress of about Drnm
res: � �2:5 GPa as the high-

temperatures of 550 K \ T \ 1,150 K. For micron-Ni, the

relaxation of apparent stress is not as vigorous as in the

nano-Ni and a stress-free state is reached at T ‡ 800 K.

Similarly, the residual stress exerted upon the starting (i.e.,

at ambient conditions) micron-Ni crystals can be graphi-

cally derived and is about Drlm
res: � 0:35 GPa.

The high temperature data in the final portion of the

experiment at T [ 1,100 K shows a complete merging of

nano-Ni and micron-Ni in terms of stress/strain levels,

reconfirming the stress-free states defined in the preceding

paragraph. Therefore, the corresponding apparent strain is

entirely due to the instrument resolution, i.e.

e2
ap: ¼ Dd2

ins:

�
d2, and there are no contributions of strain and

grain size from the samples in this stage. Our graphic

approach using Eq. 2 demonstrates that the instrument

contribution to the Bragg peak broadening (in the unit of Dd

and further in strain and stress) can be quantified by the

sample itself as long as a stress-free state is obtained

through high-temperature annealing of the polycrystalline

materials. The true instrument contribution is usually dif-

ficult to characterize, particularly in energy-dispersive

diffraction, due to the complexities of diffraction optics and

instrument calibration. In addition, the presence of residual

strains and crystal defects such as dislocations in the start-

ing powders would further complicate the de-convolution of

the diffraction profiles. The Fig. 9 is a graphic de-convo-

lution of all kinds of contributions to the apparent stress and

a complete high-temperature annealing to a stress-free state

provides the base line for the thermo-mechanics charac-

terization. The graphic derivation of thermo-mechanics

using Eq. 2 is important not only for a comprehensive

understanding of constitutive behaviors but also for the

correct application of the peak-profile analysis method.

High-T Grain Growth and Annealing of Surface Strain

of Nano-Crystals

The peak positions (d) and full-widths-at-half-maximum

(FWHM or Dd) of neutron diffraction data were deter-

mined by single peak fitting of the diffracted intensity

using the neutron TOF peak profile function #1 of the

GSAS analysis package [49]. These data were then ana-

lyzed using Eq. 2, and the results at selected temperatures

are plotted in Fig. 10. As observed in X-ray diffraction,

Fig. 10 shows that the degree of data scattering decreases

with increasing temperature and diminishes at temperatures

above 873 K. For both routines using Eqs. 4 and 5, the

corrected data are lined up nicely in a linear fashion, which

can be readily fit to Eq. 2 for the derivation of the surface

Fig. 10 The plot of Dd2
obs:=d2 versus d2 (P, T) for neutron diffraction

data on Ni. Similar to the X-ray observations (Fig. 6), the raw data

below 873 K (open black symbols) are highly scattered, and the data

corrected by DER2 = (Ehkl/E200)2 (the solid blue symbols) are lined

up nicely in a linear fashion. Also shown in the plots are corrected

data using DER2 = (Ehkl/E111)2, which would provide lower bounds

for strains and upper bounds for grain sizes. At T ‡ 873 K, the slopes

become negative for both the raw and corrected data at T ‡ 873 K

(the bottom panel), indicating that the grain size information can no

longer be extracted from Eq. 2. We interpret this phenomenon as an

indication of the growth of nanocrystals approaching or into the

micrometer region
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strain and grain size. Fig. 10 also reveals a peculiar

behavior, in the sense that the slopes become negative for

both the raw and corrected data at T ‡ 873 K (see the

bottom panel) and the grain size information can no longer

be extracted from Eq. 2. We consider this phenomenon as

an indication of the growth of nanocrystals approaching or

entering the micrometer region, therefore representing the

limit of the present approach for the grain size analysis.

The grain sizes derived using Eq. 2 at all experimental

temperatures are plotted in Fig. 11. The Ni nanocrystals do

no show any growth at T £ 573 K, whereas they grow from

13.5 to 36.8 nm with the E200 correction or from 18.1 to

49.3 nm with the E111 correction in the temperature range

of 573–773 K. This growth process is accelerated at

T ‡ 823 K, with the grain size quickly approaching or

entering the micrometer region. Also plotted in Fig. 11 are

the grain size information derived from the high-tempera-

ture X-ray data at 7.4 GPa (i.e., the same diffraction data as

used for the right panel of Fig. 9). It is clear that a similar

grain growth process is observed in the lower temperature

region (i.e., T £ 573 K). The rate of grain growth at higher

temperatures, however, is considerably smaller at 7.4 GPa

than that at atmospheric pressure. These observations

indicate that pressure is an effective thermodynamic

parameter that controls the crystallization process. Since

the grain growth is typically accompanied by long-range

atomic rearrangements, it would be kinetically hindered or

suppressed at high pressures. The observations of Fig. 11

support our recent conclusion that pressure is a key con-

trolling parameters for the synthesis of nano-structured

ceramic materials [50, 51].

The apparent strains derived from neutron diffraction

data are plotted as a function of temperature in Fig. 12.

Clearly, the thermo-mechanics behaviors of nano Ni at

atmospheric pressure show the same trends as observed at

7.4 GPa (right panel of Fig. 9), with two kinks (or two

bending points) on the strain-temperature curves, one at

573 K and the other at 1,023–1,073 K. Based on Fig. 12, it

is evident that the strain reduction in this high temperature

range is largely controlled by the grain growth. Figure 12

also reveals that a stress-free state is reached in Ni crystals

at 1,023–1,073 K, making it graphically simple to quantify

the instrumental strain, which is 0.4–0.5 · 10–2 for the

HIPPO neutron diffraction. This graphic approach also

makes it straightforward to determine the surface strains in

nano-Ni by the subtraction of these baselines of instrument

contribution. At T = 318 K, for example, the determined

surface strain is 1.20–1.6 · 10–2, which is in good agree-

ment with the residual strain of the nano-Ni graphically

derived from the right panel of Fig. 9 (1.25 · 10–2).

Dislocation Densities in Nanocrystalline Ni

The neutron diffraction data were also used to derive the

dislocation density q in the nanocrystalline Ni as a function

Fig. 11 Variation of grain sizes for nano Ni as a function of

temperature at atmospheric pressure (neutron data) and 7.4 GPa (X-

ray data). All values are derived from Eq. 2 and represent the average

grain sizes for the Ni nanocrystals. For neutron data, the grain sizes

derived with the (Ehkl/E111)2 and (Ehkl/E200)2 corrections are shown,

respectively, by solid red and blue circles. The solid green diamonds

denote the grain sizes derived from the high-P X-ray data using the

(Ehkl/E200)2 correction. The insert plots the grain size variation on a

larger/logarithm scale as well as over a wider temperature range,

showing the rapid growth of Ni nanocrystals approaching or entering

the micrometer region. The plots clearly show that the grain growth is

kinetically suppressed at high pressures

Fig. 12 Variation of the apparent strains for nano-Ni as a function of

temperature at atmospheric pressure. The plotted apparent strains

include both the surface strains of Ni nanocrystals and instrument

contribution. The plot shows that the Ni crystals reach a stress-free

state at 1,023–1,073 K, making it graphically simple to subtract the

instrumental base line, which is 0.4–0.5 · 10–2 for the DER2

corrected data, and therefore used to determine the surface strains

in Ni nanocrystals. The plot also reveals similar thermo-mechanics

behaviors as observed at high pressures (Fig. 9)
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of annealing temperature. We processed the same set of

data using the method proposed by Ungar and co-workers

[43–45] for comparison. The Ungar method assumes that

dislocations are the main contributors to the residual/sur-

face strain, and correspondingly, the scatter in the

traditional Williamson-Hall plot or our Dd2/d2 – d2 plot is

attributed to the anisotropy of the dislocation strain field. In

our analysis, the observed diffraction data were fitted to the

following equation:

Dd

d2

� �2

¼ 0:9

L

� �2

þ pb2q
2A

� �
� C

d2

� �
ð6Þ

where b is the modulus of the Burges vector of the dislo-

cations, A is a constant that can be taken as 3.3 [43], and C

is a contrast factor which depends on the elastic anisotropy

of the material and can be characterized by the ratios of

C44/(C11–C12) and C12/C44, where C11, C12, and C44 are the

elastic constants. All other parameters in Eq. 6 have the

same meanings as in Eq. 2. More details on the data

analysis using Eq. 6 were presented in Ref. [17].

The dislocation densities as well as grain sizes derived

from Eq. 6 are shown in Fig. 13 as a function of annealing

temperature. It is evident that the methods using Eqs. 2 and

6 (see Figs. 11 and 13) give rise to the comparable results

for the grain size analysis, in both absolute values and their

variations with temperature (e.g., the grain size is almost

constant below 573 K). The dislocation density q in as-

prepared nanocrystalline Ni powders is *0.053 nm–2

(=5.3 · 1016 m–2), which decreases rapidly, by a factor of

*3, to 0.019 nm–2 at 573 K. From 573 to 873 K, dislo-

cation density continues to decrease while grain size

increases with increasing temperature.

Ashby [52] suggested that the dislocations in plastically

deformed crystals can be separated into ‘‘geometrically

necessary’’ dislocations (those associated with the

existence of grain boundaries, in the present case) and

‘‘statistically stored’’ dislocations (glissile dislocations

participating in the plastic deformation). It is important to

note in Fig. 13 that there is a wide annealing temperature

range where the total dislocation density decreases signif-

icantly (by a factor of *3) while the grain size remains

approximately constant. The constancy of the grain size

suggests that the density of ‘‘geometrically necessary’’

dislocations is not changing in this annealing temperature

range and that the observed decrease in total dislocation

density is due to the annihilation of the ‘‘statistically

stored’’ dislocations that were generated by the heavy

deformation of the ball milling process. At higher anneal-

ing temperatures, the grain size increases and this must

correspond to a decrease in the density of geometrically

necessary dislocations. Clearly, these two different types of

dislocations in the Ni nanocrystals are correlated with the

grain size variation. Also note that in the Ungar method the

dislocation density is a parameter that characterizes the

surface/residual strains caused by crystalline dislocations.

Therefore, although it is not parametrically equivalent to

the surface strain determined in Fig. 12, both of them

describe the similar physical performances of the nano-

crystals, as demonstrated by the similar trends of variation

with annealing temperature in Figs. 12 and 13. As high-T

annealing becomes more effective at T [ 900 K, the sur-

face strain approaches the instrument baseline of

eins. = 0.005 (Fig. 12) and the dislocation density becomes

nearly zero (Fig. 13). This difference is primarily due

to the fact that the Dd in Eq. 6 or Ungar approach has

already subtracted instrumental contribution to the peak

broadening.

An Inverse Hall–Petch Effect in Nanocrystalline

Ni99Fe1 Alloy

It is often observed that the hardness (H) of conventional

coarse-grained ([1 lm) polycrystalline metals and alloys

increases with decreasing grain size L according to the

classic Hall–Petch relation:

H ¼ H0 þ kL�1=2 ð7Þ

where H0 and k are material constants. This Hall–Petch

relation has been explained by several models, such as the

pile-up of dislocations ahead of grain boundaries [47, 48],

grain boundary acting as a source of dislocations [53], and

the influence of grain size on the dislocation density (under

the assumption that dislocation density is inversely pro-

portional to grain size) [54, 55].

The Hall–Petch relation is fairly well obeyed in crys-

talline alloys with grain sizes ranging from tens of
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Fig. 13 Dislocation density q and grain size L as a function of

temperature for nanocrystalline Ni. Horizontal dashed line represents

the average value of L below 573 K
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nanometers to microns. It often fails, however, in alloys

with grain sizes in the range 3–20 nm. Most nanocrystal-

line materials that do not obey the Hall Petch were first

prepared in the smallest grain size possible (e.g. using

techniques such as high-energy ball milling, electrode-

position, or gas condensation) and then were annealed (at

increasingly higher temperatures) to increase their grain

size. In materials prepared this way, the strength increased

with increasing grain size and thus these materials were

said to obey an inverse (or abnormal) Hall–Petch rela-

tionship [56–66]. The inverse Hall–Petch effect has been

attributed to factors such as (i) a decrease in dislocation

line tension with decreasing grain size [67]; (ii) the diffi-

culty of generating dislocation pile-ups within grains

having sizes less than a critical value [68]; (iii) a contri-

bution to plasticity from grain-boundary diffusion creep

[69–71], grain-boundary sliding [72, 73] or grain-boundary

shear [74]; (iv) an overall softening with decreasing grain

size due to the increase in the density of triple junctions

[75, 76] or grain boundaries [77, 78]; (v) a reduced ability

of the grain boundaries to obstruct the dislocation motion

due to the decrease in the interfacial excess volume and

energy [79]; (vi) atomic ordering near grain boundaries and

triple junctions [80]; and (vii) the competition between

dislocation emission (from within the grain boundaries)

and grain-boundary sliding [81]. Koch and Narayan [82]

reviewed the literature prior to 2001 and suggested that in

several instances the observed inverse Hall–Petch effect

could be due to artifacts in the nanocrystalline materials

such as porosity and/or amorphous inclusions. In spite of

this extensive research, the observation of an inverse Hall–

Petch relation upon increasing the grain size of nanocrys-

talline materials by annealing remains poorly understood.

We studied the hardness-grain size relation in nanocrys-

talline Ni and find inverse Hall–Petch relation. We attribute

our observed inverse Hall–Petch relation to impurity (Fe)

segregating to grain boundaries.

The starting nanocrystalline Ni powders were prepared

using the methods described in ‘‘Elastic Softening in

Nanocrystalline Nickel Metals’’. Following synthesis by

ball milling, the powders were annealed in the same

glove-box at increasing temperatures. After each 1-h

anneal, the powders were rapidly cooled inside the glove

box. The annealed powders were then fixed in epoxy resin.

The hardened particles/epoxy-resin composites were

mechanically polished using a 0.3 lm alumina paste and

tested on a Micromet-4 to obtain their microhardness. Each

reported microhardness value is the average of 10–20

measurements.

Figure 14 shows the microhardness (HV) as a function of

annealing temperature for nanocrystalline Ni. It is clear

from Fig. 14 that the initial annealing causes a slight

increase in the hardness. This is against what is expected

since annealing usually decreases the hardness of materi-

als. Figure 15 shows a Hall–Petch plot (HV as a function of

L–1/2) for nanocrystalline Ni. For the grain size larger than

25 nm, the variation of HV follows a classic Hall–Petch

relation. Below 25 nm, the data reveals an inverse Hall–

Petch relationship, as identified by the dashed oval in

Fig. 15.

Since the inverse Hall–Petch relationship is observed in

our nanocrystalline Ni (containing *1 at% Fe) but not in

ultra-pure nanocrystalline Fe, studied using the same

experimental methods [17], it is not unreasonable to
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Fig. 14 Microhardness HV as a function of annealing temperature

(annealing time = 1 h) for nanocrystalline Ni. Horizontal dashed line

represents the HV value of as-prepared specimen
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Fig. 15 Hall–Petch plot, HV – L–1/2, for nanocrystalline Ni whose
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denotes the regime where data follows an inverse Hall-Petch relation
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assume that the inverse Hall–Petch relationship observed

upon annealing nanocrystalline Ni is apparently due to the

segregation of solutes to grain boundaries. Two previous

studies on ball milled Fe seem to confirm our conclusions.

Malow and Koch [83] ball-milled 99.9% pure Fe to achieve

an initial grain size of *13 nm. This powder was

sequentially annealed and the hardness was measured as a

function of grain size. Here the Hardness versus L–1/2 fol-

lowed a normal Hall–Petch relation. This contrasts with the

experiments of Kahn et al. [65] who started with 98.5%

pure Fe (the type of impurities were not specified) and

added stearic acid [CH3(CH2)16CO2H] to the milling vial to

minimize the agglomeration of the powder during ball

milling. This additive most likely introduced additional

impurities in the nanocrystalline product. The grain size of

the as-prepared powder was 16 nm. Increasing the grain

size to 23 nm (by annealing) caused the hardness to

increase by 27%, in violation of the Hall–Petch relation

[65]. Then, a further increase in grain size (by annealing at

higher temperatures) caused the hardness to decrease, in

agreement with the Hall–Petch relation.

Several mechanisms may contribute concurrently to the

plastic deformation of nanocrystalline materials (grain-

boundary sliding, grain-boundary rotation, and the gener-

ation of dislocations at grain-boundaries) [84]. All of these

may be affected by the segregated solutes. Segregation of

solutes and impurities in grain boundary may lead to three

effects: (1) lowering the grain boundary energy, enabling

the formation of low-energy grain boundary, (2) lowering

the grain boundary free volume and thus the grain

boundary diffusion coefficient, and (3) decreasing the

stress gradient in the grain boundary regions. All of these

three effects may increase the resistance for grain-

boundary sliding, grain-boundary rotation, and the gener-

ation of dislocations at grain-boundaries. This reveals

increased hardness of in annealed nanocrystalline

materials.

Hardness increase induced by annealing has also been

also frequently observed in plastically deformed large-

grained polycrystalline materials. This phenomenon has

been named as a ‘‘strain-ageing hardening’’ effect which

means annealing (ageing) the deformed materials leads to

hardening. In Fe97Si3 alloy (grain size = 30 lm) that was

plastically deformed to *20% strain, annealing at 573 K

for an hour increases the hardness by *4.6% [52]. Origin

of this increased hardness, however, is different than that in

our nanocrystalline Ni. In plastically deformed large-

grained polycrystalline materials, the major resistance for

further plastic deformation comes from the long-range

stress field of multiplicated dislocations. Annealing can

segregate Si to the multiplicated dislocations, increasing

the stress that is needed to move these dislocations.

Summary

We have conducted high P–T synchrotron X-ray and time-

of-flight neutron diffraction experiments as well as inden-

tation measurements to study equation of state, constitutive

properties, and hardness on nanocrystalline and bulk nickel.

Our results present a clear evidence of elastic softening in

nanocrystalline Ni as compared with the bulk nickel. It is

also observed that the bulk moduli determined using the

‘‘apparent lattice parameters’’ are 17–18% lower at the

smaller diffraction vectors (Q = 2p/d) than those at the

larger Q values. These findings support the results of

molecular dynamics simulation and a generalized model of a

nanocrystal with expanded surface layer. Based on the peak-

profile analysis of diffraction data, the yield strength for

nano-Ni is determined to be 2.35 GPa, more than three times

higher than that of bulk Ni. Contrary to tensile experiments

of uniaxial loading, we observe significant work-hardening

for the nano-Ni in high-pressure plastic deformation stage,

whereas the micron-Ni experiences minor high-pressure

work-softening and considerable energy dissipation into

heat. The significantly reduced energy dissipation for the

nano-Ni during the loading-unloading cycle indicates that

the nanostructured materials can endure much greater

mechanical fatigue in cyclic loadings. Nano-Ni exhibits

grain crushing in the elastic stage of deformation but steady

grain growth during bulk plastic deformation under high-

pressure loading. During the high-temperature annealing, Ni

nanocrystals show drastic stress reduction with increasing

temperature and grain growth above 573 K. The rate of grain

growth at high temperature, however, is considerably

smaller at 7.4 GPa than that at atmospheric pressure, indi-

cating that pressure is an effective thermodynamic

parameter for controlling the crystallization process. From

micro-indentation measurements, our analysis suggests that

the inverse Hall–Petch effect observed in the annealed

nanocrystalline Ni of different grain size can be ascribed to

the impurity effects. Annealing allows impurity Fe to

migrate to the grain boundaries, increasing the stress needed

to initiate grain-boundary mediated plastic deformation in

nanocrystalline Ni.
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